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The strain-induced corrosion cracking (SICC) behaviour of different low-alloy reactor pressure vessel
(RPV) and piping steels and of a RPV weld filler/weld heat-affected zone (HAZ) material was characterized
under simulated boiling water reactor (BWR)/normal water chemistry (NWC) conditions by slow rising
load (SRL) and very low-frequency fatigue tests with pre-cracked fracture mechanics specimens. Under
highly oxidizing BWR/NWC conditions (ECP P+50 mVSHE, P0.4 ppm dissolved oxygen), the SICC crack
growth rates were comparable for all materials (hardness <350 HV5) and increased (once initiated) with
increasing loading rates and with increasing temperature with a possible maximum/plateau at 250 �C. A
minimum KI value of 25 MPa m1/2 had to be exceeded to initiate SICC in SRL tests. Above this value, the
SICC rates increased with increasing loading rate dKI/dt, but were not dependent on the actual KI values
up to 60 MPa m1/2. A maximum in SICC initiation susceptibility occurred at intermediate temperatures
around 200–250 �C and at slow strain rates in all materials. In contrast to crack growth, the SICC initiation
susceptibility was affected by environmental and material parameters within certain limits.

� 2008 Elsevier B.V. All rights reserved.
1. Introduction

Carbon (C) & low-alloy steels (LAS) are widely used for pressure
boundary components such as piping and pressure vessels in fossil
and nuclear light water reactors (LWR). Strain-induced corrosion
cracking (SICC) in C & LAS de-aerators, feedwater piping and tanks,
etc., continues to be the damage mechanism responsible for the
largest percentage of availability loss in fossil power plants.
Although SICC is less significant in LWR, it has occurred and is per-
ceived to be a damage mechanism which needs to be considered
for older plants, especially for those considering lifetime extension
[1,2].

In case of C & LAS, SICC, which involves slow, dynamic straining
with localized plastic deformation of material, but where obvious
cyclic loading is absent, or restricted to a limited number of infre-
quent events such as plant start-up and shut-down, is increasingly
used as an appropriate term to describe the area of overlap be-
tween stress corrosion cracking (SCC) under static and corrosion
fatigue (CF) under cyclic loading conditions. The different types
of environmentally-assisted cracking (EAC) and the currently
available guidelines for evaluating and assessing EAC initiation
and growth in C & LAS components in LWR are summarized in
Table 1.
ll rights reserved.

: +41 56 310 21 99.
fert).
1.1. Service experience with SICC in LWR

The accumulated operating experience of C & LAS primary pres-
sure boundary components in LWRs is very good worldwide. Iso-
lated instances of EAC have occurred (particularly in boiling
water reactor (BWR) service), most often in LAS piping and very
rarely in the cladded reactor pressure vessel (RPV). EAC cracking
has been observed in wrought, weld filler and weld heat-affected
zone (HAZ) materials and has been transgranular in nature. In
BWRs, steam and feedwater piping as well as condensate systems
and RPV feedwater nozzles have been affected. In the secondary
circuit of pressurized water reactors (PWR), cracking has been ob-
served in feedwater piping/tanks and heat exchangers, feedwater
nozzles of PWR steam generators and steam generator girth welds
[1–7].

These EAC incidents have been clearly associated with an oxi-
dizing environment (usually due to oxygen), severe dynamic
straining (due to global and local thermal stratification/striping
or due to thermal and pressurization cycles during plant tran-
sients), and high local stresses around or above the high-tempera-
ture yield strength or high secondary/residual stress (due to, e.g.,
welding defects, pipe bends in conjunction with inadequate pipe
support or restraints, localized post-weld treatment). Corrosion
during shut-down periods (e.g., pitting) was sometimes a further
contributing factor. Thermal-hydraulics (thermal stratification/
striping phenomena) and local stress raisers played a key role
and were usually more important than water chemistry or material
aspects. These cases were attributed either to SICC or CF. Cracking
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Table 1
Basic types of EAC in C & LAS and relevant nuclear codes

Mechanism Environmentally-assisted cracking (EAC)

SCC Stress corrosion cracking SICC Strain-induced corrosion cracking CF Corrosion fatigue

Type of loading Static Slow monotonically rising or very low-
cycle

Cyclic: low-cycle, high-cycle

LWR operation condition Transient-free, steady-state power
operation

Start-up/shut-down, thermal stratification Thermal fatigue, thermal stratification,
etc.

Characterization of crack growth BWRVIP-60 disposition lines ? ASME XI, Code Case N-643 (PWR)
Characterization of crack

initiation
? (r > YS) Susceptibility conditions: ECPcrit, de/dtcrit,

ecrit

ASME III, Fenv-approach
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incidents with a major or relevant contribution of SCC to the total
crack advance in properly manufactured and heat-treated low-al-
loy primary pressure boundary components were not observed
[1–7].

1.2. SICC susceptibility conditions

The SICC behaviour of C & LAS was mainly characterized by
slow strain rate (SSR) [7–15] and low-cycle fatigue (LCF) tests
[7,16–19] with smooth specimens. Based on these tests, critical
system conditions for the occurrence of SICC could be established.

SICC (and significant environmental reduction of LCF lives) may
occur in C & LAS in oxygenated, high-purity high-temperature
water, if the following conditions are simultaneously attained:

� Corrosion potential ECP > ECPcrit = �200 mVSHE.
� Strain rate in a critical range: 0 < de/dtcrit, min 6 de/dt 6 de/

dtcrit,max = 10�3 s�1.
� (Local) macroscopic strain above the elastic limit:

e P ecrit = 0.1%.
� Temperature T > 150 �C.
� Sulphur content >0.003 wt% S.

If one of these conjoint threshold conditions is not satisfied,
SICC initiation is extremely unlikely and no or only minor environ-
mental reduction of LCF life is observed in high-temperature water.
Sulphate and chloride may shift the susceptibility region to less se-
vere conditions (e.g., lower ECP and strains) [1].

1.3. Objectives of this work

Service experience has thus clearly shown that SICC may occur
in C & LAS pressure boundary components in LWRs under unfa-
vourable conditions [1–7]. Furthermore, laboratory background
knowledge [1,6,16–20] indicates, that the current ‘ASME III fatigue
design’ and ‘ASME XI fatigue crack growth evaluation curves’ in
Sections III and XI of the ASME Boiler and Pressure Vessel Code
might be non-conservative for certain ranges of these critical sys-
tem conditions.

In contrast to the SICC and LCF initiation behaviour, there is a
relevant lack of reliable quantitative information on the SICC and
low-frequency corrosion fatigue (LFCF) crack growth behaviour
under these critical conditions. Normal SSR and LCF tests involve
nominal strains in the plastic range and plastic yielding of the
un-cracked ligament. Thus, although these types of tests contain
information on SICC crack growth, the results may not be transfer-
able to fully constrained deep cracks in pressure boundary compo-
nents with small scale yielding (linear-elastic fracture mechanics
behaviour). Therefore, the SICC and LFCF behaviour of different
low-alloy RPV steels was investigated by slow rising load (SRL)
and low-frequency fatigue tests with pre-cracked specimens under
these critical conditions within several research projects at Paul
Scherrer Institute (PSI).

The present paper is a summary of the SRL results. The LFCF
behaviour is discussed in detail in a separate paper [20]. After a
brief introduction of the applied experimental procedure (Section
2), the most important mechanical loading, environmental and
material parameter effects on SICC crack growth are summarized
in Section 3 and compared to SSR test results. The SICC behaviour
in SRL experiments is then compared to low and very low-fre-
quency CF test results in Section 4. Thereafter, the basic local con-
trol factors for SICC crack growth are derived and discussed in
Section 5. Finally, the experimental observations are compared to
service experience in Section 6.

2. Materials and experimental procedure

The SICC crack growth behaviour of different RPV materials was
characterized by SRL and LFCF tests with pre-cracked fracture
mechanics specimens. The tests were performed in modern high-
temperature water loops (Fig. 1) under simulated stationary and
transient BWR/NWC conditions, i.e. in oxygenated high-tempera-
ture water at temperatures of either 288, 250, 200 or 150 �C under
low-flow conditions (4–5 autoclave exchanges per hour) with local
flow rates of some few mm/s. The dissolved oxygen (DO) and sul-
phate concentration of the environment were varied from <0.005
to 8 ppm and <1 ppb (high-purity water) to 365 ppb, respectively.
In most tests a DO content of 0.4 or 8 ppm was applied. A DO of
0.4 ppm represents the total oxidant concentration in the reactor
water during steady-state power operation in a realistic way. The
increased DO value of 8 ppm was applied additionally to either
simulate plant transients (e.g., start-up) and locations with oxygen
enrichment (e.g., piping with stagnant steam or non-degassed con-
densate) or to achieve a realistic ECP of +150 mVSHE for a surface
crack penetrating the stainless steel cladding on the RPV wall/noz-
zles. These conditions may appear to be overly aggressive/conser-
vative for many other LAS BWR pressure boundary components
(e.g., feedwater piping or piping with flowing steam).

2.1. Materials and specimens

Several different types of low-alloy RPV steels (base metal and
HAZ) and a RPV weld filler material were investigated (Tables 2–
4). The investigated materials are characteristic for RPV of Western
LWR. Concerning the EAC behaviour, the steels mainly differed in
their DSA susceptibility and sulphur content/MnS morphology.

All base materials were quenched and tempered. The weld filler,
weld HAZ, and some base materials were post-weld heat-treated
or stress relieved. The RPV steels had a granular, bainitic (alloy A,
C, D, and F) or a mixed bainitic/ferritic-pearlitic structure (alloy
B) with an average former austenitic grain size of 10–20 lm. The
spatial distribution and morphology of the MnS inclusions was
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Fig. 1. Schematic of high-temperature water loop with autoclave and electro-mechanical tensile machine.

Table 3
Chemical composition in wt% of investigated RPV steels and weld filler materials

Material C Si Mn P S Cr Mo Ni V Al Cu

20 MnMoNi 5 5 A 0.21 0.25 1.26 0.004 0.004 0.15 0.5 0.77 0.008 0.013 0.06
SA 508 Cl. 2 B 0.21 0.27 0.69 0.005 0.004 0.38 0.63 0.78 0.006 0.015 0.16
SA 533 B Cl. 1 C 0.25 0.24 1.42 0.006 0.018 0.12 0.54 0.62 0.007 0.03 0.15
22 NiMoCr 3 7 D 0.215 0.20 0.91 0.008 0.007 0.42 0.53 0.88 0.007 0.018 0.04
S3 NiMo 1 Weld Filler E 0.054 0.17 1.19 0.013 0.007 0.04 0.55 0.94 0.006 0.0053 0.06
20 MnMoNi 5 5 F 0.26 0.32 1.44 0.016 0.015 0.15 0.61 0.63 0.02 0.029 0.17
Weld HAZ of D G 0.215 0.20 0.91 0.008 0.007 0.42 0.53 0.88 0.007 0.018 0.04

Table 2
Overview of investigated low-alloy RPV steels

Material S
(wt%)

Al Nfree Heat treatment Micro structure R288 �C
P DSA-index

(wt%) (ppm) (MPa)

20 MnMoNi 5 5 A 0.004 0.013 30 910–920 �C/6 h/WQ, 640-650 �C/9.5 h/FC Bainitic 418 �12.3%
(� SA 508 Cl.3) +++

SA 508 Cl.2 B 0.004 0.015 2 900 �C/ 8 h/WQ, 600 �C/9 h/AC Bainitic/ferritic-pearlitic 396 �16.4%
(� 22 NiMoCr 3 7) +++

SA 533 B Cl.1 C 0.018 0.030 <1 915 �C/12 h/AC/860 �C/12 h/WQ Bainitic 412 �8.9%
(� 20 MnMoNi 5 5) 660 �C/12 h/FC/610 �C/40 h/FC ++

550 �C/12 h/FC/550 �C/12 h/FC
22 NiMoCr 3 7 D 0.007 0.018 3 890–900 �C/7 h/WQ Bainitic 400 �0.58%

(� SA 508 Cl.2) 640-650 �C/17 h/AC +SR (see Material E) +
S3 NiMo 1 E 0.007 0.005 16 SR: 540–555 �C/59 h/465 �C/590–610 �C/21 h/

465 �C/ 590-605 �C/11.25 h/AC
Ferritic 430 �2.6%

(RPV weld filler) +
20 MnMoNi 5 5 F 0.015

(0.003–0.053)a
0.029 nm 900 �C/9 h/WQ/650 �C/34 h/AC/660 �C/14 h/

AC/550 �C/47 h/600 �C/8 h/AC
Bainitic 439 �9.1%

(� SA 508 Cl. 3) ++
Weld HAZ of D G 0.007 0.018 nm 540–555 �C/59 h/465 �C/ 590- 610 �C/21 h/

465 �C/ 590–605 �C/11.25 h/AC
– 640 nm

RP = yield strength, WQ = water quenched, FC = furnace cooled, AC = air cooled, SR = stress relief heat treatment, nm = not measured, DSA-index (T = 250 �C) = (Z1E�3%/s–
Z1E�1%/s)/Z1E�1%/s = ductility loss, +++: high, ++: medium, +: low DSA susceptibility.

a Steel with relevant sulphur segregation ? range of results of sulphur measurements at different locations.
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Table 4
Mechanical tensile test properties of investigated RPV steels and weld materials

Material 25 �C 288 �C

RP0:2 (MPa) Rm (MPa) A5 (%) Z (%) RP0:2 (MPa)

20 MnMoNi 5 5 A 485 648 19.3 72.1 418
SA 508 Cl. 2 B 448 611 17.9 71.0 396
SA 533 B Cl. 1 C 456 605 23.4 59.9 412
22 NiMoCr 3 7 D 467 600 17.3 71.9 400
S3 NiMo 1 Weld Filler E 492 592 17.4 73.3 430
20 MnMoNi 5 5 F 508 664 20 61 439
Weld HAZ of D G 640* – – – –

(RP0.2: Yield strength, Rm: Ultimate tensile strength, A5: Uniform elongation, Z: Reduction of area, * = with instrumented hardness tester).
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fairly homogeneous and similar in alloys A–D covering the range
from small, spherical to large (up to a few 100 lm), elongated
inclusions. Alloy F revealed distinct banded sulphur segregation
zones with large clusters of MnS inclusions. The weld filler mate-
rial E had a very fine-grained, ferritic microstructure with a mean
grain size of 66 lm. This material revealed a very fine-dispersed
distribution of extremely small (61 lm), spherical MnS-inclusions.
The maximum microhardness and tensile residual stress in the re-
gion of the HAZ G was limited to 350 HV 0.5 and to 30–40 MPa.

Twenty five millimetre thick compact tension specimens (1T–
C(T)) according to ASTM E399 were used for all experiments. The
base metal specimens were manufactured from forged ingots or
hot-rolled steel plates mainly in T–L or L–T orientation. The weld
metal and weld HAZ specimens were manufactured in the T–L or
L–T and T–S or T–L orientation. The specimens were pre-cracked
by fatigue in air at room temperature, using a load ratio R of 0.1.
The maximal KI at the final load step was 615 MPa m1/2. The fati-
gue pre-crack of the HAZ specimens was positioned in the middle
of the HAZ close to the peak hardness region.

2.2. Experimental procedure

2.2.1. Experimental facilities
The SICC tests were performed in 10 l stainless steel autoclaves

with integrated electromechanical loading systems, which were
attached to sophisticated refreshing high-temperature water loops
(Fig. 1). Usually, two air fatigue pre-cracked, 25 mm thick 1T C(T)
were tested simultaneously in a serial chain. The crack mouth
opening displacement CMODLL of both specimens was measured
by clip gauges. During the experiments all important mechanical
loading (load, CMODLL, pull rod stroke, etc.) and environmental
parameters at inlet and outlet (DO, DH, j, T, p, flow, etc.) were re-
corded continuously. The electrochemical corrosion potential (ECP)
of the specimens and the redox potential (platinum probe) were
continuously monitored by use of an external Ag/AgCl/0.01 M
KCl- or a Cu/Cu2O/ZrO2-membrane reference electrode. Ionic
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Fig. 2. Effect of DO (left plot) and temp
impurities of the water (inlet and outlet) were analyzed by Induc-
tively Coupled Plasma–Atomic Emission Spectroscopy (ICP–AES)
and Ion Chromatography (IC) about four times each test. The spec-
imens were electrically insulated from the autoclave, from each
other, and from the clip gauges by ZrO2 spacers. The ECP reached
a quasi steady-state during the conditioning phase and only rose
about 10–30 mV during the test phase. In Fig. 2 the quasi-station-
ary ECPs as a function of DO at 288 �C and as a function of temper-
ature at a DO of 8 ppm and 0.4 ppm are shown.

2.2.2. Crack length monitoring
Crack advance was continuously monitored using the reversed

direct current potential drop (DCPD) method. The crack growth
increment was calculated by the Johnson formula. The mean pre-
fatigue crack length ha0i was assigned to the potential drop at
the point of crack growth initiation during initial loading in the
test, as determined according to ASTM E 1737 (Fig. 3). The calcu-
lated crack length at the end of the experiment was then verified
and, if necessary, corrected with regard to the mean final crack
length ha0 + DaSICCi as revealed by post-test fractography. In the
case of fairly uniform SICC crack advance, the difference between
calculated and fractographically determined increment of crack
advance was <5%. The evaluated DCPD resolution limit corre-
sponded to roughly 2–5 lm (depending on test conditions).

The specimens were broken apart at liquid nitrogen tempera-
ture for post-test evaluation. For fractographical analysis in the
SEM, the oxide film on the fracture surface of one specimen half
was removed by galvanostatic reduction in an ENDOX-bath [23].

The KI values were calculated according to ASTM E 399 by the
measured load and by the actual mean crack length a0 + DaSICC, de-
rived by post-test fractographical evaluation and the DCPD
method.

2.2.3. Test procedure
The different phases of the experiments are shown in Fig. 4. The

specimens were loaded with a small mechanical pre-load of
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approximately 9 kN, corresponding to a KI between 12 and
18 MPa m1/2, and the autoclave was heated in deoxygenated
high-purity water. Thereupon the conditioning phase followed,
where the environmental parameters were adjusted and the spec-
imens were pre-oxidized for P168 h. In the core test phase, the
loading of the specimens in SRL tests and the initial loading in LFCF
tests were performed by using a constant rate of the pull rod stroke
(� constant dP/dt, dCOD/dt and dKI/dt values). The subsequent cyc-
lic loading in the very low-frequency CF tests was performed under
load control. Constant load amplitude loading with a positive saw
tooth waveform (slow loading, fast unloading) was applied. Finally,
the specimens were unloaded and the autoclave cooled down.
3. Major parameter effects on SICC initiation and growth

3.1. Effect of loading rate and level

The effect of loading rate on SICC initiation and subsequent
growth was systematically studied in RPV materials A, B, and C
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at a temperature of 288 �C. The tests were conducted with a DO of
8 ppm (ECP = +150 mVSHE) and an inlet conductivity of 0.25 lS/cm
(65 ppb SO2�

4 ). In Fig. 5 the crack growth initiation stress intensity
factor KI,i and SICC growth rate da/dtSICC are plotted versus the dis-
placement rate at the load line dCODLL/dt and stress intensity fac-
tor rate dKI/dt for the high-sulphur steel C. The high-sulphur steel C
(0.018 wt% S) revealed SICC over the whole range of tested loading
rates. In this material, KI,i decreased with decreasing loading rate,
with a possible minimum of 34 MPa m1/2 at a relatively low dis-
placement rate of �10�6 mm/s, corresponding to an estimated
crack-tip strain rate of 5�10�5 to 10�4 s�1. At lower loading rates,
KI,i seemed to increase again. The subsequent SICC crack growth
rate (CGR) was constant during the whole rising load phase after
a short transition period following SICC initiation. The SICC CGR
depended strongly on the applied loading rate, but not on the ac-
tual value of KI, at least up to a KI of 60–70 MPa m1/2. Here, a simple
power law relationship with an exponent of 0.8 was found be-
tween SICC CGR and dCODLL/dt and dKI/dt (Fig. 5). Thus, both SICC
initiation and growth were strongly dependent on the applied
loading rate, but with opposite tendency. The observed high SICC
CGR of 10�9 m/s (0.1 mm/day) to 8�10�7 m/s (70 mm/day) could
only be perceived if initiation occurred. This requires high stress
intensities, which would correspond to relatively deep cracks in
the pressure boundary components.

In alloys A and B with a low sulphur content of 0.004 wt%, SICC
could only be detected by DCPD at the lowest loading rates applied
(2–3�10�7 mm/s and 3�10�6 mm/s). The measured SICC growth
rates were within the scatter range of the results of high-sulphur
alloy C, whereas the KI,i values were slightly (for dCODLL/dt = 2–
3�10�7 mm/s) or significantly (for dCODLL/dt = 2–4�10�6 mm/s)
higher. At higher loading rates, the extent of SICC revealed by frac-
tography was restricted to some few very localized thumbnail-
shaped areas along the former pre-crack front. The mean crack
increment was well below the DCPD resolution limit of �5 lm.
The beneficial effect of a low sulphur content on SICC initiation dis-
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Fig. 5. Effect of loading rate on SICC initiation (left plot) a
appeared at very slow loading rates, which might be related to the
increased DSA susceptibility of these two steels with respect to the
high-sulphur alloy C (see Section 3.3.2).

3.2. Effect of environmental parameters

3.2.1. ECP and DO
The effect of ECP and DO was investigated in RPV materials A,

and C at a temperature of 288 �C in the loading rate range of max-
imum SICC susceptibility (dCODLL/dt = 2–4�10�6 mm/s). The differ-
ent ECPs were set by different DO contents of <0.005, 0.2 and
8 ppm in high-temperature water with 65 ppb SO2�

4 .
For these loading rate and temperature conditions, SICC could

only be detected by DCPD in experiments with the high-sulphur
steel C in high-temperature water with the highest DO content of
8 ppm. At a DO level of 0.2 ppm, few thumbnail-shaped regions
with minor SICC crack growth were observed along the pre-crack
front in both materials by post-test fractography in the SEM. This
local SICC often originated from MnS-inclusions, which intersected
the pre-crack front, but not exclusively. The maximum local SICC
crack advance in the high-sulphur steel C at 0.2 ppm DO was sim-
ilar to that of the low-sulphur alloy A at the higher DO content of
8 ppm. In deoxygenated water (<0.005 ppm DO), no SICC was ob-
served by post-test fractography in all three materials up to very
high stress intensity factors of up to 76 MPa m1/2. This indicates a
critical cracking potential ECPcrit for SICC in SRL tests under these
conditions of �100 to �200 mVSHE, which reasonably correlates
with ECPcrit derived from SSR experiments with smooth tensile
specimens [9–11].

The strong effect of ECP or DO on SICC initiation (and subse-
quent crack growth) is exemplarily shown in Fig. 6 for the high-
sulphur steel C. Here, the maximum local SICC advance derived
by post-test fractography in specimens from SRL tests with a dis-
placement rate dCODLL/dt of 2–4�10�6 mm/s, which were loaded
up to the same maximum stress intensity factor Kmax
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mately 74 MPa m1/2, is plotted versus the corrosion potential ECP.
From Fig. 6 it is evident that SICC susceptibility can be significantly
reduced by the reduction of the ECP through, e.g., hydrogen water
chemistry (HWC) or HWC in combination with noble metal chem-
ical addition (NMCA). Under PWR conditions, this ECPcrit threshold
is usually only exceeded under some very specific operational con-
ditions, or at special locations, where (temporary) increased DO
levels cannot be fully excluded or avoided.

3.2.2. Sulphate
The effect of sulphate was investigated in the concentration

range from <1 ppb (<0.06 lS/cm) to 365 ppb (1.0 lS/cm) in SRL
experiments at a displacement rate dCODLL/dt of 2–4�10�6 mm/s
in high-temperature water at 288 �C with a DO content of 8 ppm
(+150 mVSHE).

In the high-sulphur steel C, neither the SICC initiation stress
intensity factors KI,i nor the SICC growth rate da/dtSICC were af-
fected by the addition of sulphate and comparable values were ob-
served for all sulphate levels. In the low-sulphur alloy A SICC was
restricted to some few localized regions along the pre-crack front
at sulphate levels 665 ppb, which could not be detected by DCPD.
At a sulphate level of 365 ppb on the other hand, SICC extended
over almost the whole crack front. Here, the SICC growth rates in
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Fig. 7a. Effect of sulphate concentration and steel sulphur content on SICC crack growth
sulphur anion concentration in crack-tip electrolyte for SICC.
the low-sulphur alloy A was within the scatter band for the high-
sulphur steel C (Figs. 7a and 7b), whereas their SICC initiation
stress intensity factors KI,i were slightly higher.

As shown in Figs. 7a and 7b, the addition of a sufficient amount
of sulphate can result in a similar SICC susceptibility in low-sul-
phur steels as in high-sulphur materials. The results from materials
and environments with different steel sulphur contents and sul-
phate/DO concentrations (Figs. 7a and 7b), indicate that a critical
sulphur anion threshold in the crack-tip electrolyte has to be ex-
ceeded for a high SICC cracking susceptibility (see also Section 5).
This threshold and SICC are thus synergistically controlled by
material (sulphur) and environmental parameters (ECP and sul-
phate concentration). If this threshold concentration is exceeded,
the SICC growth rate only increases with increasing loading rate,
but neither depends on the steel sulphur content nor change by
further increasing the sulphate content of the environment
(Fig. 7a).Therefore, it does not matter, whether the sulphur anions
originate from the dissolution of the MnS-inclusions, which are
intersected by the crack flanks and front, or from the presence of
sulphate as an impurity in the bulk environment outside the crack.
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in oxygenated high-temperature water, which indicates the existence of a critical
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Besides the reduction of the ECP or DO level (e.g., HWC, evacu-
ation), also a high purity of the feed and reactor water as well as
the selection of optimized materials with low sulphur contents
(and low DSA susceptibilities) contribute to a reduced SICC
susceptibility.

3.2.3. Temperature
Tests at temperatures of 150, 200, 250 and 288 �C with the low-

sulphur steels A and B and with the high-sulphur steel C, as well as
with the weld filler and HAZ materials E and G were performed in
oxygenated high-temperature water (DO = 8 ppm) with a SO2�

4

content of 65 ppb. The ECP decreased slightly from +250 mVSHE

at 150 �C to +130 mVSHE at 288 �C. A displacement rate of
4�10�6 mm/s in the range of maximal SICC susceptibility at
288 �C was used for these tests. The effect of temperature on SICC
initiation and growth is exemplarily shown in Fig. 8 for the weld
filler material E. The results of the different materials are compared
in Fig. 9. At 288 �C, SICC could be detected by DCPD in all steels, ex-
cept the low-sulphur alloy A. The lowest KI,i values were observed
in HAZ G, followed by the high-sulphur alloy C and the medium-
and low-sulphur weld filler alloy E and base material B. The SICC
growth rate was slightly higher in the high-sulphur alloy C than
in the other alloys. At 250 �C, SICC was observed in all alloys, with
comparable KI,i values and SICC growth rates. At 200 and 150 �C,
surprisingly, only the high-sulphur alloy C revealed no SICC by
DCPD. For the chosen loading rate, a minimum in KI,i values and
a maximum in SICC susceptibility was observed at intermediate
temperatures around 200–250 �C for all materials, whereas the
SICC CGRs increased slightly with increasing temperature with a
possible maximum/plateau at/above 250 �C. In the temperature
range from 150 to 250 �C, an Arrhenius activation energy EA of
32 ± 3 KJ/mol was calculated, which correlated well with corre-
sponding values for CF [20] and SCC crack growth [24] under com-
parable conditions. If SICC crack growth could be detected by
DCPD, SICC CGRs were similar for all five materials (Fig. 9). The
lower SICC susceptibility of the high-sulphur alloy C at the lower
temperatures of 150 and 200 �C, which was further confirmed by
SCC tests under constant load, is initially surprising and shows that
the steel sulphur content is not the sole material parameter
strongly affecting the SICC susceptibility of LAS.

The susceptibility of the examined alloys to DSA might be a pos-
sible reason for the maximum in SICC susceptibility at intermedi-
ate temperatures (200–250 �C) and for the SICC susceptibility of
the low-sulphur alloys A and B at very slow strain rates at 288 �C
(see also Section 3.3.2). This was clearly supported by the good cor-
relation in terms of temperature between the maximum in suscep-
tibility to SICC (minimum of KI,i) of RPV steels in SRL tests under
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Fig. 8. Effect of temperature on SICC initiation and growth in weld filler metal E.
oxygenated high-temperature water conditions and the maximum
in DSA susceptibility (minimum in reduction of area) in tensile
tests in air at comparable strain rates was observed (see Fig. 10).

3.3. Effect of material parameters

3.3.1. Steel sulphur content and MnS-morphology
Besides the sulphur content of the steel, the size, type (chemical

composition), shape and spatial distribution of MnS-inclusions
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observed.
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may have an effect on EAC in C & LAS. The local sulphur content
and morphology of MnS-inclusions depend on the steel making
(? segregation) and fabrication process of the plate (forming:
hot rolling, forging, etc.) and they can significantly differ in large
plates. The concentration of sulphides is generally higher in the
centre of the plate. In segregation zones the local sulphur content
can be several times larger than the mean bulk sulphur content.
Sulphides tend to be rod-like in unidirectionally-rolled plates,
and disk-like in cross-rolled plates, while in forgings and weld
metals the sulphides tend to be more spherical. The orientation
of the crack planes in specimens (T–L, L–T, T–S, etc.) and the loca-
tion of specimens in plates and forgings might therefore affect the
SICC behaviour.

A distinct effect of specimen orientation (T–L, L–T, and T–S) or
location (0T, 1/4T, 1/2T, 3/4T, and 1T) was not observed in the
PSI investigations. The SICC CGRs were comparable for all orienta-
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Fig. 12. Comparison of SICC initiation susceptibility (left plot) and SICC grow
tions (Fig. 11) and locations. This may be related to the homoge-
neous sulphur distribution in all alloys (except steel F) and the
high corrosion potential of +150 mVSHE which favours the enrich-
ment of sulphides in the crack enclave by potential-gradient-dri-
ven migration [4,25].

In oxygenated high-temperature water (0.4–8 ppm DO) of mod-
erate purity (665 ppb SO2�

4 ) at 288 �C a beneficial effect of a low
steel sulphur content on the SICC susceptibility was observed un-
der some loading rate conditions. In alloys with low and medium
sulphur contents higher stress intensity factors KI,i were required
to initiate SICC in SRL tests than in high-sulphur steels (Figs. 9,
12 and 13). On the other hand, the steel sulphur content and spec-
imen orientation had very little effect on SICC growth rates (Figs. 7,
9, 11, 12, and 13). This could be explained by large, elongated MnS-
inclusions, which are intersected by the pre-crack front and which
may act as preferential initiation sites for EAC. The higher KI,i val-
ues in the low-sulphur alloy A and B and in the medium-sulphur
weld material D might be attributed to the fact that less large
MnS-inclusions were intersected by the pre-crack front in these
materials, resulting in a lower probability for crack initiation or
in an initially more localized non-uniform crack growth.

The beneficial effect of a low steel sulphur content on SICC sus-
ceptibility at temperatures >250 �C and sulphate concentrations
665 ppb can be completely overwhelmed by the selection of
suitable combinations of the corrosion potential ECP (or DO) and
sulphate content of the environment (Figs. 7a and 7b) and/or of
temperature (Figs. 9 and 13) and loading rate (Fig. 12).

3.3.2. Dynamic strain ageing
At low temperatures of 150 and 200 �C the low-sulphur steels A

and B and the medium-sulphur weld filler material E revealed a
higher SICC susceptibility than the high-sulphur alloy C (Fig. 9).
Furthermore, in high-purity water (<1 ppb SO2�

4 ) with 8 ppm DO
the low-sulphur steels A and B revealed a comparable SICC suscep-
tibility at very low loading rates dCODLL/dt = 2–3�10�7 mm/s as the
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high-sulphur alloy C. These results together with the peak of SICC
susceptibility at intermediate temperatures indicate, that under
certain temperature–strain rate combinations DSA might signifi-
cantly affect the EAC behaviour in susceptible LAS.

The DSA susceptibility of the various alloys in tensile tests at
different temperatures and strain rates and in internal friction
experiments correlated reasonably well with the temperature
and strain rate dependence of the SICC susceptibility, and in par-
ticular with the SCC growth rates at intermediate temperatures
[26]. This is illustrated in Fig. 10 for the low-sulphur steel A.
There is a good coincidence of the minimum in KI,i values de-
rived from SRL tests in high-temperature water and the mini-
mum in reduction of area, measured in tensile tests in air at
similar strain rates. On the other hand, as shown in Fig. 9, the
SICC growth rates subsequent to initiation were very similar
for different materials for given temperatures and loading rates.
DSA therefore seems to affect the initiation process itself (sus-
ceptibility, thresholds for onset and disappearance of EAC) rather
than to directly influence the subsequent EAC growth (there is
of course a strong indirect effect on crack growth, if initiation
does not take place).

In EAC, DSA is especially important in dynamic crack-tip plastic-
ity. DSA may result in an increase of yield/tensile strength, strain
hardening exponent, creep rate, and finally in an increased crack-
tip strain and strain rate. Microscopically, DSA results in an inho-
mogeneous localization of deformation, an increase of dislocation
density, and planar deformation. These factors can result in a
reduction of the local fracture toughness and also favour brittle
crack extension or mechanical rupture of the protective oxide film
and therefore crack advance by anodic dissolution/hydrogen
embrittlement mechanisms. EAC in LAS has been observed under
temperature/stain rate conditions or in materials, where no, or
only minor DSA effects were present. DSA is therefore not a pre-
requisite for EAC and best regarded as an additional contribution
to the EAC process.

The DSA response is governed by the concentration of free
interstitial carbon and nitrogen, which strongly depend on the
steel making or welding process, the thermal history or heat treat-
ment (annealing- or post-weld heat treatment temperature) and
on the chemical composition (Ctot, Ntot, Al, V, Ti, Cr, Mo, O, Mn,
etc.) of the steel. Alloying elements, which have a strong affinity
to C or N, such as Al, Cr, and Mo, which form nitrides or carbides,
may result in a reduction of the residual concentration of free C
and N. Differences in free C and N content of otherwise identical
or similar LAS may be one important further reason for the relevant
scatter of EAC CGR data and especially for the different trends ob-
served in the temperature dependence of EAC.

Because of the different morphology of the MnS-inclusions in
weld materials (small spherical inclusions) with respect to
wrought steels (large, elongated inclusions), a higher EAC resis-
tance was generally attributed to weld materials, which was not
confirmed in this work. But weld metals often have a very low alu-
minum and high oxygen content. The very high affinity of oxygen
to aluminum (formation of aluminum oxide inclusions) further re-
duces the beneficial effect of the aluminum concerning DSA. There-
fore welds might be more susceptible to EAC in the DSA
temperature–strain rate range than generally thought so far.

3.3.3. Microstructure
The effect of different microstructures was investigated in the

loading rate range of maximum SICC susceptibility (dCODLL/
dt = 2–4�10�6 mm/s) in oxygenated high-temperature water with
a DO/sulphate content of 8 ppm/65 ppb at a temperature of 288
and 250 �C. The base metal D, weld filler E and heat-affected zone
(H) materials were from the circumferential weld between the
lower and upper cylindrical shell of the German Biblis C PWR
RPV, which was not commissioned. The base metal had a bainitic
microstructure and the weld filler material revealed a fine-grained
ferritic weld structure with finely dispersed and very small spher-
ical MnS-inclusions. The crack plane in the HAZ was positioned in
the peak hardness coarse grained zone close to the fusion line. A
peak microhardness of 350 HV 0.5 was measured in this region.

At 250 �C, the SICC initiation stress intensity factors KI,i and SICC
growth rates were comparable for all three microstructures (Fig. 9).
At 288 �C (Fig. 14), the SICC growth rates were again comparable,
but the HAZ material G and weld filler metal E revealed signifi-
cantly lower and higher KI,i values than the corresponding base
metal D. These increased and reduced SICC susceptibilities at
288 �C might be related to the higher yield strength of the HAZ G
(similar MnS-morphology as base metal D) and the favourable
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Fig. 14. Effect of microstructure on SICC initiation (left plot) and crack growth (right plot) at 288 �C.
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MnS-morphology in the weld filler E (same sulphur content and
similar DSA susceptibility and yield strength level as base metal).

3.3.4. Yield strength/hardness and heat treatment
Different yield strength/hardness levels in the high-sulphur

steel C were produced by various heat treatments (Table 5), which
did not affect the MnS-morphology. Besides the bainitic micro-
structure (Q+T), which is characteristic for the RPV base metal, a
martensitic (Q) and a ferritic-pearlitic microstructure (N) were
produced by austenizing/water quenching and austenizing/slow
furnace cooling. The SICC behaviour of these microstructures in
the loading range of maximum SICC susceptibility (dCODLL/
dt = 2–4�10�6 mm/s) in oxygenated, high-temperature water with
a DO/sulphate content of 8 ppm/65 ppb at 288 �C was then further
compared to the weld metal E and the weld HAZ material G with
different yield strength/hardness, but also different sulphur con-
tents and DSA susceptibilities (whereas DSA effects are expected
to be moderate at 288 �C).

The SICC initiation stress intensity factor KI,i of the normalized
ferritic-pearlitic microstructure was slightly smaller than that of
the simultaneously tested quenched and tempered bainitic micro-
structure of the same heat (Fig. 15), but the value was within the typ-
ical scatter range for this material and these specific conditions (see
Fig. 5). The SICC growth rates were comparable for both microstruc-
tures (Fig. 15). Similar to the peak hardness HAZ G, the martensitic
microstructure with an excessive hardness of 466 HV5 revealed an
increased SICC susceptibility (lower KI,i values) over the standard
base metal. The SICC growth rates of the non-annealed martensitic
microstructure was significantly higher than in the other material
conditions and in the stress-relieved HAZ G (Fig. 15). This eventually
might indicate a different crack growth mechanism.
Table 5
Applied heat treatments and resulting properties of the RPV steel C

Parameter Q + T

Heat treatment 915 �C/12 h/Air/860 �C/12 h/WQ
660 �C/12 h/FC/610 �C/40 h/FC
550 �C/12 h/FC/550 �C/12 h/FC

Microstructure Bainitic
Vickers hardness 197 HV10
R288 �C

P 411 MPa
Fig. 16 shows the effect of Vickers hardness on the SICC growth
rates for these three heat treatment conditions of material C as
well as for the weld filler E and HAZ G in oxygenated high-temper-
ature water with a DO/sulphate content of 8 ppm/65 ppb at 288 �C
and at a loading rate dCODLL/dt of 2–4�10�6 mm/s. Up to a critical
hardness of approximately 350 HV5 (or a critical yield strength le-
vel of about 800 MPa), the SICC growth rates were very similar for
all material conditions and did not depend on the hardness or yield
strength level. Above this threshold significantly higher SICC rates
were observed. This threshold correlates well with corresponding
thresholds of 300–400 HV5 for the occurrence of hydrogen-in-
duced [22] or interganular [21] SCC in C & LAS in high-temperature
water.

It is stressed that a martensitic microstructure does not occur in
properly fabricated C & LAS pressure boundary components. The
hardness of weld HAZ is controlled and limited to values <350
HV5 by quality assurance measures/careful selection of welding
parameters/post weld heat treatment. The degree of cold work
(bending), which can be accepted without any heat treatment is
also strictly limited.

3.4. Quantitative description of SICC crack growth

In SRL tests at PSI under highly oxidizing BWR/NWC conditions
(ECP P +50 mVSHE, DO P0.4 ppm) above a KI value of 25 MPa m1/2

the SICC CGRs in the loading rate range of 0.05–500 MPa m1/2/h in-
creased with increasing loading rate dKI/dt according to a power
law relationship with an exponent of 0.8 (see Figs. 5 and 7), but
as a first approximation the rates were not dependent on the actual
KI values up to 60 MPa m1/2. High SICC growth rates between 10�9

and 9�10�7 m/s (0.1–70 mm/day) were observed under SRL and
N Q

900 �C/30 min/FC 900 �C/30 min/WQ

Ferritic-pearlitic Martensitic
260 HV10 466 HV10
577 MPa 960 MPa
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highly oxidizing BWR/NWC conditions. Under these conditions
maximum SICC CGRs in LAS with a hardness of <350 HV5 can be
described as follows:

da=dtSICC ¼ 6�10�9 �ðdKI=dtÞ0:8 in m=s and MPa m1=2=h ð1Þ

for 25 MPa m1/2
6 KI 6 60 MPa m1/2, 0.05 MPa m1/2/h 6 dKI/dt 6

500 MPa m1/2/h and ECP P+50 mVSHE, 250 �C 6T 6 288 �C.

3.5. Comparison to SSR test results

The effects of strain rate [7,15], temperature [7,12,13], ECP [7–
13], sulphate [12,13] or steel sulphur content [12,13,15] on SICC
initiation and growth in SSR experiments with smooth tensile
specimens are in good qualitative agreement with the observations
in SRL tests on pre-cracked fracture mechanics specimens. In gen-
eral, the steel sulphur content often had a more pronounced effect
in SSR experiments with smooth specimens, where SICC cracks
usually initiated from MnS-inclusions, which intersected the
water-wetted steel surface. With respect to smooth specimens, a
high-sulphur crack-tip electrolyte in pre-cracked specimens is
facilitated by the large number of dissolvable MnS-inclusions,
which are intersected by the crack flanks, and the ease of enrich-
ment of the resulting sulphides by the restricted mass transport
in the high-aspect ratio crack crevice geometry, in particular by
migration in case of high ECPs and high DO contents in the bulk
environment.
4. Comparison of SRL and very low and low-frequency fatigue
test results

Very low-frequency corrosion fatigue (vLFCF) constant load
amplitude tests with asymmetric saw tooth loading at a low and
high load ratio of 0.2 (DK = 51.1–64.4 MPa m1/2, DtR = 94 h) and
0.8 (DK = 11–13 MPa m1/2, DtR = 27.8 h) were performed in water
at 288 �C with a DO of 8 ppm and 60 or 65 ppb SO2�

4 .
In vLFCF tests with a low load ratio R of 0.2 and an extremely

long rise time of 94 h, SICC crack growth could be resolved by
DCPD during each individual fatigue cycle (Fig. 17). The crack
growth initiation stress intensity factor KI,i and the true SICC
growth rates da/dtSICC in each fatigue cycle are shown for the
high-sulphur alloy C and the low-sulphur material A in Fig. 18.
SICC occurred only during the last part of the rising load phase of
the fatigue cycles. Because of the small crack increment per fatigue
cycle, details of crack growth during individual fatigue cycles could
be not resolved in case of the tests with the high load ratio and
small DK, and therefore only a mean SICC crack growth rate hda/
dtSICCi over many cycles could be given. Here, as in normal CF tests,
an apparent time-based crack growth rate da/dN/DtR is usually
calculated.

In the high-sulphur alloy C, SICC initiation was observed by
DCPD already during the first fatigue cycle (Figs. 17 and 18). The
observed KI,i value and SICC growth rate were thereby comparable
to the results of the corresponding SRL tests with the same loading
rate (Figs. 5 and 19). In the next two cycles KI,i values increased but
stabilized after the third cycle, probably because of (surface rough-
ness and oxide film induced) crack closure effects. The SICC growth
rates remained approximately constant during all the fatigue cy-
cles (Fig. 18).

In the low-sulphur alloy A, SICC initiation was first observed by
DCPD during the second cycle (Fig. 18). In the next cycle, the KI,i va-
lue decreased; the SICC growth rates increased and then stabilized
after the third cycle (Fig. 18). The somewhat different behaviour
during the stabilization phase is probably caused by localized crack
growth in alloy A during the first fatigue cycles, since less crack ini-
tiation sites were activated in the initial rising load phase in this
material. After stabilization, the KI,i values and SICC CGRs were
comparable for both alloys (Fig. 18).

After stabilization, SICC occurred only during the last 20–25% of
the rising load phase of the fatigue cycles, i.e. at an effective load
ratio Reff = KI,i/KI,max of �0.8. Since SICC growth only occurred dur-
ing a small part of the whole rising load phase, the apparent SICC
CGR da/dN/DtR may be significantly lower than the real SICC rates
da/dtSICC during each cycle. In Fig. 19(a), the true SICC growth rates
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from vLFCF tests are compared to SICC results from SRL tests under
identical environmental conditions. Within the typical scatter
range, these true SICC growth rates were identical to those of SRL
experiments for comparable loading rates.

In Fig. 19(b), the true and apparent SICC rates da/dtSICC and da/
dN/DtR of the vLFCF experiments are compared with normal LFCF
test results of PSI in the frequency range from 10�5 to 10�1 Hz in
a so-called time–domain plot. Here the apparent SICC and CF rates
in high-temperature water are plotted versus the corresponding
apparent fatigue growth rates in air [27] under otherwise identical
conditions. The true da/dtSICC were in the upper bound region of
experimental results, whereas the apparent rates were in the mid-
dle on the data on the BWR/NWC regression curve for a wide range
of loading and material conditions. This thus demonstrates that
SICC and CF are closely related phenomena.

The vLFCF results clearly demonstrate, that monotonic SRL test
results at a high ECP with only minor, local SICC should not be
interpreted as definite evidence of a low SICC cracking susceptibil-
ity. These crack initiation problems can be easily overcome by suit-
able repeated loading. Furthermore, CF tests have shown, that CF or
SICC may occur at much lower Kmax

I values than in the SRL exper-
iments with long incipient crack [20] and this is also confirmed by
service cracking incidents [1–7]. The high KI,i values of the SRL
experiments should therefore not be misinterpreted as SICC
threshold KI,SICC.
5. Control factors and conjoint requirement for SICC

As discussed in Section 3.1, the occurrence of SICC might be re-
lated to a critical sulphur anion threshold in the crack-tip electro-
lyte (Figs. 7a and 7b). As shown in Fig. 20, in oxygenated high-
temperature water (simulated BWR/NWC environment) a funda-
mental relationship between the EAC CGR and the crack mouth
opening displacement rate dCOD/dtLL (which, as first approxima-
tion, might be regarded as a rough measure for crack-tip strain
rate) seems to exist over a wide range of loading conditions cover-
ing SRL, cyclic fatigue and constant load tests. The observed behav-
iour thus suggests a fundamental relationship between EAC CGR
and crack-tip strain rate and further confirms that SCC [26], SICC
and CF [20] are related phenomena, which are governed by the
same basic processes or mechanisms.

Both, the experimental parameter effects in this work (e.g., Figs.
7 and 20) and other PSI investigations [20,26] as well as the Ford &
Andresen EAC crack growth model [4,25] indicate that the SICC
growth from incipient long cracks is essentially governed by the
crack-tip strain rate and the activity of sulphur-anions (affecting
repassivation/pH/oxide film stability) in the crack-tip electrolyte.
The onset and extent of SICC is crucially dependent on simulta-
neously maintaining a slow, positive crack-tip strain rate and a
critical sulphur anion concentration in the crack-tip electrolyte. If
these two conjoint requirements are not met, no SICC or only min-
or environmental acceleration of fatigue crack growth are observed
in SRL or low-frequency fatigue tests, respectively. If the critical
sulphur threshold concentration is exceeded, the SICC CGR de-
pends primarily on the crack-tip strain rate and increases with
increasing strain rate up to an upper critical limit, where environ-
mental effects disappear and pure mechanical fatigue dominates.

These two local factors are governed by a system of interre-
lated and synergistic corrosion system parameters: In general,
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the crack-tip strain rate increases with increasing loading rate/
loading frequency (as well as load level), crack growth rate, yield
strength and DSA susceptibility. The sulphur anion content in the
crack-tip environment increases with increasing steel sulphur
content, concentration of sulphur-anions in the bulk environment
outside the crack, crack growth rate (exposure of new fresh dis-
solvable MnS-inclusions by the growing crack) and corrosion
potential/DO content (anion enrichment in the crack enclave by
migration). The threshold conditions for SICC are directly related
to crack-tip chemistry and crack-tip strain rate/crack growth rate,
rather than to loading parameters or bulk environment conditions
per se e.g., suitable combinations of different system parameters
may help to exceed the critical crack-tip sulphur-anion concentra-
tion, provided that there is at least one source of sulphur (MnS-
inclusions or sulphur anion in the bulk environment).
6. Comparison to SICC incidents and service experience

The operating experience (Section 1.1) fits well to the accumu-
lated experimental/mechanistic background knowledge on EAC
behaviour in the system C & LAS-high-temperature water. Both
show the same qualitative parameter trends, e.g., for oxygen, flow
rate, or strain and strain rate. Both confirm the high SCC resistance
of LAS under steady-state power operation and static loading con-
ditions and clearly reveal that slow, positive (tensile) straining
with associated plastic yielding and sufficiently oxidizing condi-
tions are essential for SICC initiation in high-purity high-tempera-
ture water. Since primary design stresses are generally limited to
values below the elastic limit, thermal-hydraulics (e.g., thermal
stratification) and local stress raisers therefore played a key role
for SICC/CF in the field and were generally more important than
material or water chemistry aspects.

By taking the exact boundary conditions in lab tests and in the
field into account, no major discrepancy between operating expe-
rience and trends in laboratory data could be found. The SICC
cracking incidents can be readily rationalized by the SICC suscepti-
bility conditions identified in Section 1.2 [1,4,7]. The apparently
higher cracking frequency in lab tests may be easily explained by
the beneficial effect of a turbulent flow rate in the field (which is
characteristic for most component locations) for SICC initiation
and the conjoint threshold conditions for the onset of SICC or CF
with regard to ECP (or DO content), strain rate, strain and temper-
ature. In general, for many transients/component locations, one or
several threshold conditions are not satisfied. Even if all require-
ments would be fulfilled, the SICC/CF initiation process may con-
sume a long incubation period/large number of fatigue cycles in
the absence of pre-existing defects or cracks, in particular for small
strains, and therefore, extend over a significant part (or even the
whole part) of the plant lifetime. The SRL experiments in this work
started with a sharp fatigue pre-crack that is ‘ready’ to propagate.
Similarly, SSR tests with smooth specimens normally involve high
applied plastic strains and plastic yielding of the un-cracked liga-
ments. Both cases are thus significantly different from, and much
more severe than the situation in most components [1].

Very high SICC growth rates of 0.1–70 mm/day were observed
in SRL tests in simulated BWR/NWC environment under linear-
elastic loading conditions with slow positive dKI/dt at KI values
>25 MPa m1/2. Even though such high rates represent extreme sit-
uations or limiting cases, they may help to understand several SICC
cracking incidents and to explain why relatively few loading tran-
sients had sometimes produced deep cracks. A common feature of
most SICC cracking incident analyses has been clear fractographical
evidence for the damage having been accumulated intermittently,
with several, distinct phases of crack propagation during plant
transients with relevant dynamic straining (e.g., arising from ther-
mal stratification, thermal and pressurization cycles, etc.), which
were interrupted by long periods of stationary BWR operation
without crack growth.

Service experience, on the other hand, has shown that SICC
cracks can initiate and grow from notches (with surface plasticity)
at significantly lower stress levels than it might be expected based
on the relatively high KI,i values for SICC initiation for deep and
fully constraint incipient cracks in SRL experiments without re-
peated loading.
7. Summary and conclusions

The SICC behaviour of different LAS RPV and piping steels and of
a RPV weld filler/weld HAZ material was characterized under sim-
ulated BWR/NWC conditions by SRL and very low-frequency fati-
gue tests with pre-cracked fracture mechanics specimens.

Under highly oxidizing BWR/NWC conditions (ECP
P+50 mVSHE, P0.4 ppm dissolved oxygen), the SICC crack growth
rates were comparable for all materials (hardness <350 HV5) and
increased (once initiated) with increasing strain/loading rates
and with increasing temperature with a possible maximum/pla-
teau at 250 �C. A high minimum KI value of 25 MPa m1/2 had to
be exceeded to initiate SICC in SRL tests, which should not be re-
garded as SICC threshold. Above this value, the SICC rates increased
with increasing loading rate dKI/dt according to a power law rela-
tionship with an exponent of 0.8, but as a first approximation the
rates were not dependent on the actual KI values up to
60 MPa m1/2. High SICC growth rates of 0.1–70 mm/day were ob-
served under these conditions in the loading rate range dKI/dt of
0.05–500 MPa m1/2/h.

A maximum of SICC initiation susceptibility occurred at inter-
mediate temperatures around 200–250 �C and at slow strain/load-
ing rates in all materials. In contrast to crack growth, the SICC
initiation susceptibility was affected by environmental and mate-
rial parameters within certain limits.

The experimental observations suggest that SICC from incipient
cracks is essentially governed by the crack-tip strain rate and the
concentration of sulphur-anions in the crack-tip electrolyte. The
onset and extent of SICC is crucially dependent on simultaneously
maintaining a slow, positive crack-tip strain rate below an upper
threshold and a critical sulphur anion content in the crack-tip elec-
trolyte. If these two conjoint requirements are not met, no SICC or
only minor environmental acceleration of fatigue crack growth are
observed in SRL and low-frequency fatigue tests, respectively.
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In case of mechanical loading in the critical load rate and load level
range, suitable combinations of material and environmental
parameters may help to simultaneously exceed the critical crack-
tip sulphur anion concentration, provided that there is at least
one source of sulphur (MnS-inclusions or sulphur anion in the bulk
environment).
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